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An innovative solution for the automotive industry is to replace the copper used for wiring harnesses with aluminum alloys, such as the aluminum-magnesium-silicon 6101 alloy. Wiring harnesses are composed of thin strand arms obtained by a wire drawing process. These strands are susceptible to exposure to a corrosive environment and fatigue solicitations simultaneously. The fatigue endurance of this alloy was studied using the stress-life approach for three metallurgical states representative of three colddrawing steps. Fatigue tests performed in corrosive media tests highlighted a strong decrease of the 6101 alloy lifetime due to fatigue-corrosion interactions and a modification of failure modes.
Introduction
Considering the rarefaction of fossil fuels and the need to reduce greenhouse gas emissions, automotive manufacturers are looking for innovative solutions to reduce both the cost and weight of wiring harnesses. One promising solution is the substitution of copper with aluminum alloys, such as the aluminummagnesium-silicon 6101 alloy, which is currently used for highpower electrical applications. Wiring harnesses require thin strand arms, which are obtained by wire-drawing. This metalworking process consists of a reduction in the rod or wire diameter by passing it through a series of drawing dies interspersed, if necessary, with aging heat treatments to release the stresses induced by the process. The different microstructures obtained after each step of the manufacturing process strongly depend on the thermomechanical process characteristics, which also affect the mechanical properties and the corrosion behavior of the material. The strands are susceptible to exposure to several corrosive environments, e.g., de-icing road salt, coolant, and windshield washer fluids, and fatigue solicitations due to motor and engine vibrations. These combined damages can lead to a premature degradation of wiring harnesses. Many studies have focused on the role of pre-corrosion damage on the residual fatigue life and the effect of localized corrosion defects on fatigue crack initiation in aluminum alloys. Most such studies have focused on the 2xxx and 7xxx series and fatigue crack initiation from pitting corrosion defects [1] [2] [3] [4] [5] [6] [7] [8] [9] [10] [11] . These alloys have shown a large reduction in fatigue life due to corrosion pits, providing potential stress concentrator sites at which fatigue cracks can initiate. The pit size (average depth and width) seems to be an essential parameter; the fatigue life is successfully predicted by 2D AFGROW (Fracture Mechanics and Fatigue Crack Growth Analysis software tool) calculations based on initial crack sizes similar to those of pits [4] . Dolley et al. have shown, for AA 2024-T3, that the fatigue lives were reduced by more than one order of magnitude after 384 h of precorrosion in a 0.5 M NaCl solution compared to those of uncorroded specimens. The reduction of fatigue life was related to the time of exposure to the corrosive environment and pit size [11] . Burns et al. have shown that the fatigue life of a 7075-T6511 alloy was reduced substantially by EXCO pre-corrosion, but this was nearly independent of exposure time after initial-sharp degradation, scaling with the evolution of pit-cluster size and initial stress intensity range [12] . Liao et al. have studied the remaining fatigue life of 7075-T6511 aircraft wing skins containing natural exfoliation corrosion. It was found that the relative humidity did not have a significant effect on the fatigue life of naturally exfoliated specimens. Exfoliation above a ''critical'' level (undetermined in the paper of Liao et al. due to the limited number of tests) could significantly decrease the fatigue life of the naturally exfoliated specimens. When the exfoliation damage is not very severe, the discontinuities present in the fillet of the samples, where the stress concentration Kt was equal to 1.23, could override the exfoliation damage and become the primary crack origin. Above the ''critical'' level, the cracks primarily nucleated from corrosion pits and intergranular corrosion defects [13] . Pauze has studied fatigue crack initiation on localized corrosion defects for a 2024-T351 aluminum alloy, i.e., intergranular corrosion defects and pits. Both defects acted as preferential initiation sites for transgranular fatigue cracks [14] .
Finally, the fatigue life duration for pre-corroded samples is essentially related to the fatigue crack initiation step on preexisting localized corrosion defect. A possible effect of H-uptake during pre-corrosion treatment on crack propagation rates is possible but it is probably negligible compared to the strong decrease of the duration of the crack initiation step.
However, for the tests performed directly in the corrosive media, the same conclusion cannot be advanced seeing that corrosion and fatigue mechanisms could interact as well during crack initiation as during crack propagation.
Most of literature results about fatigue-corrosion interactions have shown that the reduction in the fatigue life in NaCl solutions could be attributed to premature crack initiation from surface corrosion defects [15] [16] [17] .
The characteristics of these localized corrosion defects such as pit geometry [18, 19] , micro-topographic strain concentration and local stress distribution around pit [20] are essential in determining the pit-to-crack transition such as fatigue life tests performed on pre-corroded samples. Mutombo and du Toit have characterized the fatigue-corrosion endurance behavior of a welded 6061-T651 aluminum alloy in a 3.5% (by weight) NaCl solution at various applied stress amplitudes [21] . The reduction in the fatigue life in the corrosive solution compared to the fatigue life in air was also most strongly related to the presence of pits, which nucleated on second-phase particles or precipitates and acted as preferential fatigue crack initiation sites. Pauze [14] has shown for a 2024 aluminum alloy that fatigue-corrosion interactions only acted on the crack propagation regime. The crack initiation occurred on corrosion defects which were strictly the same as those obtained during continuous immersion in corrosive media without applied stress. The effect of fatigue corrosion synergy only occurred during the crack propagation with the competition between the growth rate of the transgranular fatigue-corrosion crack and the growth rate of the intergranular stress corrosion crack. The propagation rate of the intergranular corrosion defect whose kinetic is relatively important during the first hours is quickly followed by a slow transgranular fatigue-corrosion propagation. The effect of the corrosive media is relatively low (factor 2-5) during this second step and occurs for low DK values. Finally transgranular fatigue-corrosion propagation is comparable to the propagation obtained in air [14] .
In the present work, the reference metal was a 9.5 mm wire rod of AA 6101 (T4 metallurgical state); this rod was cold-drawn to manufacture the strand arms. The steps of the cold-drawing process used in the industry are summarized in Fig. 1 . An intermediate aging heat treatment (185°C-10 h) following the cold-drawing from a 9.5 mm diameter wire rod to a 1.34 mm diameter strand was applied. Finally, a final cold-drawing step provides a thin strand with a 0.51 mm final diameter (T9 metallurgical state). The influence of a pre-corrosion step on the fatigue and fatiguecorrosion behaviors of both T4 (the initial material) and T9 (the metallurgical state used) samples were studied. In parallel, some T4 samples were aged at 185°C for 10 h in the laboratory to specifically study the influence of the intermediate heat treatment (T4 + 185°C-10 h) on the material properties.
In a previous work [22] , the corrosion behavior of the aluminum-magnesium-silicon 6101 alloy has been studied in chloride solution in terms of the different metallurgical states resulting from the wire drawing process (T4, T4 + 185°C-10 h, and T8 metallurgical states; T8 corresponds to T4 + cold drawing until a 1.34 mm-diameter rod was obtained, followed by the 185°C-10 h aging treatment; T9 corresponds to the same procedure as T8 except with an additional cold drawing step, which does not modify the corrosion morphology observed compared to the T8 state). Regardless of its metallurgical state, AA 6101 was found to be susceptible to localized corrosion. Scanning electron microscopy (SEM) observations of the electrode surfaces obtained after potentiokinetic polarization tests have shown that all metallurgical states were susceptible to two types of localized corrosion morphologies, i.e., pitting corrosion ( Fig. 2(a) and (d)) and matrix dissolution around particles ( Fig. 2(b) ). Many thin corrosion filaments were observed around and between pit cavities according to literature results ( Fig. 2(a) [24] [25] [26] and Mg 2 Si precipitates [27] .
Pits in Al-Mg-Si alloys often initiate on intermetallic particles. Blanc et al. [28] have demonstrated using interferometry and surface observations that Mg 2 Si particles suffer preferential Mg dissolution just after a few seconds of immersion in aggressive media, in agreement with other authors [29, 30] . Preferential initiation for deep corrosion was then observed at Mg 2 Si sites [28] . Concerning Al-Fe-Si precipitates, they are known to be cathodic respective to the aluminum matrix [26, 31] . During immersion in an aggressive media, the galvanic cells created between these intermetallics and the matrix initiate the dissolution of the surrounding matrix [32] .
For the T4 + 185°C-10 h metallurgical state only, observations of the electrode surfaces revealed a third form of localized corrosion, i.e., intergranular corrosion ( Fig. 2(c) ). As a reminder, for T4 + 185°C-10 h, numerous precipitates arrange into a continuous film, with needle (average dimension = 35 nm Â 140 nm) or globular shapes observed at the grain boundaries, unlike in other metallurgical states, which could explain the susceptibility to intergranular corrosion of the T4 + 185°C-10 h samples. Therefore, Fig. 1 . Schematic presentation of the wire-drawing process used to manufacture the strand arms and resulting metallurgical states.
the results showed that the morphology of the corrosion defects depended on the metallurgical state of the 6101 aluminum alloy, suggesting different fatigue behavior after pre-corrosion damage or during fatigue-corrosion tests.
In this paper, the effect of pre-corrosion damage and fatiguecorrosion synergistic impact on fatigue life was studied for T4, T4 + 185°C-10 h, and T9 samples. Considerable effort was applied to the SEM analyses of the fracture surfaces resulting from the different tests for each metallurgical state; the observations were explained based on the microstructure and corrosion susceptibility of the different metallurgical states.
Materials and methods

Material
In the present work, AA 6101 in the T4 metallurgical state was provided by Rio Tinto Alcan as a wire rod with a 9.5 mm diameter. Its chemical composition is given in Table 1 . The T9 samples were prepared by SASA Trefil'Alu, whereas the T4 + 185°C-10 h samples were prepared in the laboratory.
The microstructural characteristics of the initial wire rod and of the different metallurgical states obtained by the wire drawing process have been characterized in a previous work [22] by optical microscopy (OM), secondary electron microscopy (SEM), and transmission electron microscopy (TEM). A short description of these results is presented in the following subsections.
AA 6101 T4 metallurgical state
OM observations performed under polarized light after anodic oxidation revealed an average grain size of 80-100 lm in the transverse plane (perpendicular to the rod axis), 200 lm in the longitudinal plane, and 130 lm in the heart of the 9.5-mm-diameter wire rod. Globular shaped (average diameter of 3-4 lm) or needle-shaped (average dimension = 4-5 lm Â 1 lm) Al-Fe-Si particles were observed in the grains. As a result of the mechanical rolling, they were preferentially oriented in the direction of the plastic deformation. These particles were found to be responsible for pitting corrosion and matrix dissolution as mentioned above.
AA 6101 T4 + 185°C-10 h metallurgical state
In comparison with the T4 metallurgical state, no difference was observed regarding the grain size or intragranular intermetallic particles. However, TEM observations showed that the aging treatment led to a fine intergranular precipitation, i.e., Mg 2 Si precipitates arranged as a continuous film, with needle or globular shapes, and the formation of a precipitate free zone (PFZ). In contrast, the T4 metallurgical state exhibited neither intergranular precipitates nor a PFZ, Moreover, needle-shaped hardening precipitates were observed in the matrix.
AA 6101 T9 metallurgical state
For this metallurgical state, TEM observations revealed intragranular precipitates identified as Al-Fe-Si particles but no intergranular precipitation [22] . It was impossible to directly determine the average grain size in the transverse plane owing to the very thin diameter of the wire (0.51 mm). Therefore, additional TEM observations were performed in the longitudinal direction. As described in the previous work [22] , microstructural observations were conducted using a transmission electron microscope (JEOL-JEM-2010). The samples were obtained by cutting 280-lm-thick slices from the wire. The slices were ground to a thickness of approximately 100 lm, and a dimple was machined in the central region. Electron transparency was finally obtained by ion milling using a precision ion polishing system (PIPS™, Gatan) with 5 kV Ar + ions. These observations revealed very elongated grains in the wire drawing direction whose length exceeded the observation surface but whose width (500 nm) reasonably corresponded to the average grain size in the transverse plane ( Fig. 3 (a) and (b)). Moreover, a high dislocation density was visible for this metallurgical state.
Methods
Preliminary tensile tests
Tensile tests were performed on the wire rods (9.5 mm thick, T4 and T4 + 185°C-10 h) and thin wires (0.51 mm thick, T9 metallurgical state) using an MTS testing machine equipped with a 5 kN load cell and at a constant strain rate of 10 À3 s À1 .
Fatigue and fatigue-corrosion tests
Stress-controlled uniaxial fatigue tests on pre-corroded samples were conducted at room temperature, in ambient air, on a precision-aligned fatigue machine (BOSE ElectroForce 3330 Ò ), providing static to 100 Hz performance with a load envelope of ±3300 N. Tests were also performed on non-corroded samples for comparison. For the T4 and T4 + 185°C-10 h metallurgical states, the fatigue sample shape was cylindrical (3.5 mm of diameter Â 20 mm of length), as shown in Fig. 4 . For AA 6101 T9 samples, fatigue tests were conducted directly on thin wires (0.51 mm of diameter Â 137 mm of length) using specific grips. The sample sizes were chosen in order to have the same specimen area exposed to the corrosive media for each geometry, i.e., an area equal to 220 mm 2 . Also, crack initiation step was mainly influenced by the size of initiating defects compared to the diameter of specimens and not by a probability to find more or less initiating features on the exposed surfaces.
For the T4 and T4 + 185°C-10 h metallurgical states, the sample surface was prepared by electrolytic polishing, avoiding residual surface stresses and leading to a roughness of 1 lm. For the T9 samples, no surface preparation was performed. Before fatigue tests, some samples were pre-corroded, which consisted of 72 h of continuous immersion in a 0.5 NaCl aerated solution.
Concerning fatigue-corrosion tests, a specific test bench was designed. This bench was composed of a leak-tight corrosion cell adapted to the fatigue machine, in which the corrosive solution was continuously circulated by a peristaltic pump. A Julabo Ò refrigerated/heating circulator was used to control the temperature (25°C) of the electrolyte (0.5 M NaCl solution) in the corrosion cell via an external Pyrex Ò thermal exchanger. Fatigue life and fatigue-corrosion life tests were carried out using a 50 Hz sine wave with a stress ratio of R = 0.1 (with R = r min / r max ). The results of these tests are presented as a plot of stress level (r) as a function of the number of cycles to failure (N) (S-N curves). Three stress levels were considered: 95%, 89%, and 82% of the ultimate tensile strength (UTS) preliminarily determined for each metallurgical state in air. These stress levels are representative of operating conditions. Assumed that this alloy presents an isotropic strain hardening behavior, plasticity principally occurs during the first part of the first cycle for this stress ratio level. Then, when the corrosion defects appear, there is a local stress amplification leading to a possible cyclic plasticity.
Scanning electron microscope (SEM) observations
Scanning electron microscopy (LEO-435-VP) was performed with an incident electron beam between 10 kV and 15 kV to carefully examine the corrosion defects and the fracture surface obtained after tensile and fatigue and/or fatigue-corrosion tests. 
Results and discussion
3.1. Preliminary characterization of the tensile behavior and fatigue endurance of AA 6101 in the T4, T4 + 185°C-10 h and T9 metallurgical states
Tensile behavior
The tensile curves obtained for the three metallurgical states are presented in Fig. 5 . The T9 metallurgical state presented a strong increase in the yield strength and ultimate tensile strength combined with a very low plastic deformation. This behavior corresponded well with a Hall-Petch strengthening effect related to the very fine grain size due to the wire-drawing process and the high dislocation density observed by TEM.
Concerning the T4 and T4 + 185°C-10 h metallurgical states, the heat treatment increased the tensile mechanical properties but decreased the strain to failure. The T9 metallurgical state has the highest yield strength and the weakest strain to failure. This result could be related to the precipitation of strengthening precipitates following the heat treatment at 185°C, which is consistent with the literature on 6xxx aluminum alloys [33, 34] .
The tensile fracture surfaces obtained for each metallurgical state are presented in Fig. 6 . For AA 6101 T4 and T9, the same failure mode was observed, i.e., ductile failure by nucleation on Al-FeSi particles and the growth and coalescence of dimples ( Fig. 6(a) and (b)). For the T4 + 185°C-10 h metallurgical state, a mixed failure mode with a transgranular ductile fracture associated with intergranular ductile fracture was observed, (Fig. 6(c) ). A higherresolution image of these intergranular interfaces showed that they were covered by dimples that were smaller than those observed in the transgranular ductile fracture zone (Fig. 6(d) ). The nucleation of the dimples localized on intergranular interfaces could be explained by the Mg 2 Si intergranular precipitates homogeneously distributed as previously observed by TEM for the T4 + 150°C-10 h metallurgical state [22] . The intergranular rupture was due to a ductile intergranular rupture mechanism promoted by the precipitation of intergranular phases during the heat treatment and likely also by the presence of a PFZ close to the grain boundaries that tended to localize the deformation.
Fatigue endurance behavior
Fatigue life curves are presented in Fig. 7 for each metallurgical state. The stress level was calculated by comparison to the ultimate tensile strength of the sample to take into account the evolution of the mechanical properties during the metalworking process and finally to compare metallurgical states to each other. The choice of this normalization is based on a parallel with literature results on steels which have shown a correlation, though still very approximate, between fatigue limit and UTS even if, in our case, it is known that aluminum alloys do not show a distinct fatigue limit [35, 36] . Finally this tensile strength is probably the most easy and relevant parameter to compare the different metallurgical states in a first approach. Another hypothesis was considered in this work, that initiating defects distribution on surface samples was the same for all the metallurgical states. In this work, the fatigue crack initiation was principally dependent on the mechanical solicitation (coupled or not with the corrosive media effect) and the microstructure but remained independent of defect distribution on the sample surface.
The 185°C-10 h heat treatment led to a strong decrease in the fatigue life while T9 metallurgical state seemed to present the best fatigue endurance behavior.
To gain a better understanding of the failure modes occurring during fatigue life tests, the fracture surfaces were observed by SEM. Fig. 8 presents the micrographs obtained for the T4 metallurgical state. Following the crack initiation on surface sample, a first zone was observed, showing a transgranular rupture mode characterized by smooth crystallographic facets (Fig. 8(b) ). This type of rupture mode has already been observed by other authors [37] [38] [39] for aluminum alloys and was assimilated to {1 1 1} surface facets. This slow crack propagation stage at a microstructure scale can be explained by a preferential localization of the plastic deformation within a single persistent slip band.
Some ductile zones were observed between the facets, corresponding to the rupture of ligaments localized between the crystallographic rupture zones. The transition between the crystallographic propagation zone and the finale ductile rupture presented a mixed rupture mode, i.e., ductile and crystallographic, where no striation or river marks were observed (Fig. 8(c) ). The final rupture exhibited a ductile failure mode (Fig. 8(d) ). Fig. 9 presents the micrographs obtained for the T4 + 185°C-10 h metallurgical state. The initiation zone was characterized by an intergranular fracture mode ( Fig. 9(a), (b) , and (c)). Indeed, measurements performed on the intergranular surfaces ( Fig. 9(c) ) observed by SEM led to a grain size in good agreement with the average grain size measured using OM in the transverse direction. Therefore, the heat treatment led to a new type of fracture mode relative to the T4 metallurgical state, i.e., an intergranular rupture mode, probably due to the appearance of a precipitate-free zone (PFZ) combined with the precipitation of Mg 2 Si intergranular precipitates [22] . The PFZ could be seen as a soft zone wrapping the grains which favors the intergranular crack initiation by cyclic plasticity accumulation along grain boundaries. This effect could be potentially reinforced by cavities nucleation and growth on Mg 2 Si intergranular precipitates present on favorably oriented grain boundaries [40, 41] . Finally, the intergranular cracks then may have formed a main crack that propagated according to the characteristic marks of propagation, i.e., fatigue striations or river marks, as observed in Fig. 9(d) . The premature initiation stage combined with the propagation step was most likely responsible for the strong decrease in the fatigue endurance of the alloy. The final rupture was characterized by a ductile rupture via homogeneous dimple coalescence.
Concerning the T9 metallurgical state, Fig. 10 presents the SEM micrographs of the fracture surfaces obtained after the fatigue endurance test. The global view reveals two different zones related to the slow crack propagation regime and the ductile final rupture ( Fig. 10(a) ). The slow crack propagation zone presented very small rupture interfaces, which suggested an intergranular rupture at a nanoscale related to the small size of the grains (Fig. 10(b) and (c)), even if a slight transgranular zone might exist. To confirm this hypothesis, AA 6101 T9 was subjected to liquid metal embrittlement by means of gallium. Indeed, exposure to gallium allow the granular structure of aluminum alloys to be observed because these materials are particularly sensitive to intergranular decohesion due to gallium penetration and diffusion along grain boundaries. The resulting rupture surface is presented in Fig. 11 . This figure showed an intergranular rupture very similar to the fracture surface obtained after fatigue endurance tests on the T9 metallurgical state (Fig. 10(c) ) that confirmed crack propagation by an intergranular rupture mechanism.
The slow crack propagation stage was followed by the ductile final rupture via the coalescence of dimples. The effect of the reduction of grain size on fatigue endurance was widely studied in the literature [42] [43] [44] . It was observed by certain authors that when the grain size decreased, the numerous grain boundaries acted as microstructural barriers or a restraint of dislocation movement and finally delayed crack initiation.
However, other authors have observed that decreasing the grain size could lead to increase propagation rates and decrease the threshold stress intensity factor [45] . Höpple et al. have shown that the grain size, ranging from the micrometer to the nanometer range significantly affects the very high cycle fatigue (VHCF) behavior of two aluminum alloys [46] . For AA1050 with a grain size 55 lm no late failure was obtained, whereas for the same material with an ultrafine grain size of 600 nm a stepwise SN-curve was found. In the case of the precipitation hardened material AA6082 they found that the local mechanical properties of the matrix significantly governs the crack initiation step and hence the VHCF-behavior. In this study, the grain size is probably not the only parameter to consider. It could be interesting to determine more precisely the characteristics of grain boundaries and plasticity mechanisms for this nanoscale microstructure issued from the wire drawing process such as boundary disorientation, stackingfault energy, active secondary sliding systems [47] .
Effect of pre-corrosion on fatigue life
To better understand fatigue-corrosion interactions, it was necessary to characterize the effect of pre-corrosion damage on fatigue life and fracture modes.
The fatigue life curves plotted after the pre-corrosion treatment are presented in Fig. 12 for each metallurgical state. Table 2 summarizes the results obtained for the pre-corroded samples and non-corroded samples; the ratios Nf pc /Nf nc , where Nf pc is the lifetime for a pre-corroded sample and Nf nc is the lifetime for a noncorroded sample, are given for each metallurgical state and stress level. The results showed a slight decrease in fatigue endurance for the T4 and T4 + 185°C-10 h metallurgical states due to the pre-corrosion treatment but a strong decrease in the fatigue life for the T9 metallurgical state. These points will be discussed in more detail later in this paper.
Failure modes occurring during fatigue life tests on pre-corroded samples were characterized by SEM observations. For all metallurgical states, the crack initiation was localized on a corrosion defect. Fig. 13 presents the micrographs obtained for the T4 metallurgical state. The crack initiation was localized on a corrosion defect, i.e., a 20-lm-diameter pit (Fig. 13(b) ), and the corrosion morphology observed was in good agreement with the results presented in a previous work [22] . The pre-corrosion treatment did not change the nature of the rupture mode for the slow crack propagation stage, which remained transgranular with crystallographic facets. The ratio between the area of the slow crack propagation stage, i.e., crystallographic features, and the area of the global fracture surface is equal to 25%. The same ratio was found for the fatigue tests performed on T4 metallurgical state in air without pre-corrosion damage that suggested that this step was rather logically not influenced by the pre-corrosion damage. More generally, even if the crack initiation was localized on a corrosion defect, the initiation stage was not reduced, considering the slight decrease in fatigue endurance. Concerning the T4 + 185°C-10 h metallurgical state, the same conclusions could be drawn. The crack initiation was localized on a corrosion defect, i.e., an intergranular corrosion defect (Fig. 14(b) ) according to previous corrosion tests [22] . Once the crack initiated on the intergranular corrosion defect, it propagated until the final rupture. The different morphologies observed, i.e., rivers and striations, likely just reflect local DK dependent cracking mechanisms. Of course, local chemical evolution due to corrosion processes, i.e., hydrogen enrichment, could also be taken into account. Indeed, during the pre-corrosion treatment, the increased reactivity of the grain boundaries due to the presence of intergranular precipitates could be associated with an acidification of the electrolyte trapped inside the grain boundaries followed by protons reduction and eventually a hydrogen-uptake. Hydrogen could be assumed to affect the local mechanical properties.
The T9 metallurgical state was clearly the most affected by the pre-corrosion treatment. The fatigue crack initiated on a pit of 20 lm of diameter. As a reminder, the T4 metallurgical state presented the same type and size of localized corrosion than the T9 metallurgical state but its fatigue endurance was not as decreased as T9 metallurgical state (Fig. 12) . Given that the specimen areas exposed to corrosive media are similar for the two sample geometries, the strong decrease of the fatigue endurance of the T9 metallurgical state was most likely due to the ratio between the size of the corrosion defects generated during the pre-corrosion treatment and the wire diameter. Indeed, the ratio a/w (with a: the size of the pit and w: the diameter of the wire or the cylindrical specimen) is 20 times higher for T9 than for T4 metallurgical state that favors the initiation crack. Finally, the beneficial effect of the small grain size on crack initiation is lost owing to the presence of a corrosion defect whose size is not negligible compared to the diameter of the wire.
The propagation rupture modes were similar to those observed for non-pre-corroded samples, with a rupture mode essentially intergranular followed by a ductile final rupture (Fig. 15) . 
Fatigue-corrosion tests
The results of fatigue life tests performed in corrosive media, i.e., a 0.5 M NaCl solution, at 25°C are presented in Fig. 16 for each metallurgical state. Table 3 summarizes the results obtained from the fatigue-corrosion tests for each metallurgical test and stress level; the results obtained for non-corroded samples are also given. Moreover, the ratios Nf fc /Nf nc , where Nf fc is the lifetime for a sample submitted to a fatigue-corrosion test and Nf nc is the lifetime for a non-corroded sample, are given. The Nf pc /Nf nc ratios are reported for comparison. For the T4 and T4 + 185°C-10 h metallurgical states, the decrease in the fatigue lifetime measured during a fatigue-corrosion test compared to the fatigue lifetime measured in air (Nf fc /Nf nc ) was higher than the decrease observed due to the pre-corrosion treatment (Nf pc /Nf nc ). This result suggested a synergistic effect between fatigue and corrosion for the two metallurgical states only if the fatigue crack initiation occurred on a similar corrosion defect between fatigue-corrosion test and fatigue life tests on pre-corroded samples. This point was confirmed by SEM observations of fracture surfaces. The fatigue contribution during fatigue-corrosion tests did not change or enhance the corrosion damage responsible for the crack initiation. Taking into account the duration of the fatigue-corrosion tests (1.5 h for r = 95% of UTS, 2 h for r = 89% of UTS and 4 h r = 82% of UTS for the T4 samples), which corresponded to the duration of exposure to the aggressive solutions compared to the immersion time (72 h) in 0.5 M NaCl for the pre-corrosion treatment, this synergistic effect appeared to be very strong. In contrast, for the T9 metallurgical state, this effect was not observed. This result will be discussed later in this paper. Fig. 17 presents the SEM images of the fracture surfaces obtained after fatigue-corrosion endurance tests on AA 6101 T4. Analogously to fatigue tests performed on pre-corroded samples, crack initiation was localized on a corrosion pit whose size was similar to the size of the pit observed on pre-corroded sample. The main difference between fatigue-corrosion tests and fatigue life tests on pre-corroded samples was the appearance of an intergranular rupture mode combined with the crystallographic propagation (Fig 17(a) and (b) ). The dimensions of the intergranular surfaces were well correlated with the average grain size (line d Table 2 Influence of pre-corrosion on the fatigue lifetimes of AA 6101 for T4, T4 + 185°C-10 h, and T9 metallurgical states (in number of cycles to failure). f = 50 Hz, T = 25°C, R = 0.1. Nf pc is the lifetime for a pre-corroded sample and Nf nc the lifetime for a non-corroded sample. in Fig. 17(c) ). The final rupture remained ductile with the coalescence of dimples. The synergistic effect between fatigue and corrosion previously mentioned seems to have an effect only on the slow crack propagation with the appearance of an intergranular rupture mode and not on the crack initiation. For the T4 + 185°C-10 h metallurgical state, the SEM images of the fracture surfaces are presented in Fig. 18 . Such as for T4 metallurgical state, the crack initiation occurred on corrosion defect similar to the corrosion defect generated by pre-corrosion. The same fracture modes were observed as in the fatigue tests performed on the healthy and pre-corroded samples. However, the proportion of the intergranular fracture surface in the crack initiation zone was clearly higher for the fatigue-corrosion tests, confirming the synergistic effect between the fatigue and corrosion mechanisms. The interaction between fatigue and corrosion seemed to modify or favor some modes of failure.
Non-corroded samples
Concerning the T9 metallurgical state, no difference was observed compared to tests performed on healthy and pre-corroded samples. The crack initiation was localized on a small corrosion defect, i.e., a pit, comparable to the pit generated by pre-corrosion treatment, and a main intergranular rupture mode in the propagation zone was still observed. The proportion of intergranular rupture mode is slightly more pronounced for fatigue-corrosion tests, i.e., 22%, than for tests performed on pre-corroded samples, i.e., 19%, but it is difficult to strictly state owing to the nanoscale of the microstructure.
Finally, the fatigue-corrosion interactions have shown a decrease of the fatigue life of the T4 and T4 + 185°C-10 h metallurgical states resulting in the appearance or the reinforcement of an intergranular rupture mode. By contrast, according to the fracture surface observations, T9 metallurgical state seemed not to induce fatigue-corrosion interactions. The role of this synergistic effect on intergranular rupture mode could suggest an hydrogen embrittlement mechanism or at least a fatigue crack propagation assisted by hydrogen. Many studies have demonstrated that fatigue behavior of aluminum alloys could strongly be influenced by hydrogen produced by corrosion reactions or contained in water vapor [48, 49] . This point will be discussed in more detail in the following section.
Synergistic effect of corrosion and fatigue phenomena
At first sight, the results obtained from the fatigue-corrosion tests suggested that the interaction between fatigue and corrosion decreased the fatigue endurance for the T4 and T4 + 185°C-10 h metallurgical states and affected the fracture modes. However, this interaction seemed not to affect the fatigue-corrosion behavior of the T9 metallurgical state.
To obtain a better understanding of the synergistic effect between fatigue and corrosion, additional experiments were performed for the T4 samples. The results helped explain the observations for the other metallurgical states.
AA 6101 T4 metallurgical state
Previous results suggested that the synergistic effect between corrosion and fatigue phenomena resulted in the appearance of an intergranular failure mode. To confirm this assumption, two stress corrosion cracking (SCC) tests were conducted. The main objective of these tests was to verify whether a static mechanical loading could induce a modification of the failure mode as a fatigue-corrosion interaction. The first type of tests was low strain rate tensile tests in aggressive solution. These tests consisted of tensile tests performed in corrosive media for different exposure times corresponding to the fatigue-corrosion test times, i.e., , and 2.4 Â 10 À5 s À1 estimated based on preliminary tensile tests. These preliminary tensile tests performed in air revealed, in particular, that the tensile behavior of AA 6101 T4 was not dependent on the strain rate. The results of the low-strain-rate tensile tests in NaCl solution showed that the tensile behavior of AA 6101 T4 was not affected by the corrosive medium, as its mechanical properties the same as those obtained from tensile tests performed in air regardless of the strain rate, i.e., regardless of the duration of the exposure to the chloride-containing solutions. Moreover, the fracture surfaces obtained after the tensile tests, regardless of exposure time, exhibited ductile rupture and not intergranular rupture, as observed in Fig. 19 . The second test consisted of maintaining a tensile sample under a stress equal to the stress level applied during fatigue endurance tests (89% of UTS) and for a similar exposure time to corrosive media. These SCC tests under constant loading were stopped after 4 days without the rupture of the samples that confirms that the AA 6101 T4 is not susceptible to stress corrosion cracking according to results of literature on 6xxx series aluminum alloys [50] . Therefore, the SCC tests confirmed that the appearance of an intergranular failure mode during fatigue-corrosion tests was due to an interaction between these two mechanisms, i.e., fatigue and corrosion.
Based on these results, the synergistic effect between fatigue and corrosion could be discussed. Intergranular failure was generally related to a decrease in the grain boundary cohesive energy, which could be generated by chemical or mechanical phenomena. One such chemical phenomenon is intergranular corrosion. However, corrosion tests showed that the T4 metallurgical state was not susceptible to intergranular corrosion. Another mechanism was required to explain these observations. A potential fatiguecorrosion mechanism could be based on hydrogen embrittlement (HE). Indeed, it has been shown in a previous work that hydrogen issued from corrosion reactions could penetrate into the material and diffuse preferentially in the grain boundaries [51] and finally be trapped in the plastic zone at the crack tip. One possible HE mechanism was the hydrogen-enhanced mechanism (HEDE). This mechanism was first suggested by Troiano [52, 53] and developed in detail by Oriani [54, 55] . The authors proposed that hydrogen accumulated within the lattice and there reduced the cohesive bonding strength between metal atoms. The HEDE mechanism suggested that hydrogen damage occurred in the crack tip fracture process zone (FPZ) when the local crack tip opening tensile stress exceeded the maximum local atomic cohesion strength, lowered by the presence of hydrogen. The propagation of the crack could occur by cleavage at precipitates or dispersoid/matrix interfaces (no intergranular precipitates are present in the T4 metallurgical state), along grain boundaries enriched in hydrogen and favorably oriented, along slip bands or through cyclically developed dislocation structures (LEDS) ahead of the crack tip [56, 57] . Cyclic plastic deformation accumulation along grain boundaries could be associated with an hydrogen transport mechanism by dislocations giving rise to an hydrogen enrichment of the grain boundaries enhancing the intergranular rupture. This hydrogen transport mechanism could be favored by the presence of PFZ around grain boundaries for T4 + 185°C-10 h metallurgical state. Moreover the stability of the passive film at the crack tip is a parameter to take into account. Generally, the rupture of the passive film under fatigue-corrosion conditions is related to the combination of an environmental and a mechanical effect. The low pH and a high chloride concentration can lead to the destabilization of the passive film at the crack tip as well as the fracture of the passive film due to cyclic loading. As described by Staehle [58] , there is a competition between the strain rate at the crack tip and the repassivation rate. If the repassivation rate is too fast, the crack propagation is stopped. However, if the repassivation rate is too low, the crack can also be stopped by crack tip blunting due to generalized corrosion. When the crack tip is depassivated, it acted as an anodic site relative to the cathodic behavior of the crack walls that increases the hydrogen production [59, 60] inducing an hydrogen-assisted propagation as described by several authors for aluminum alloys [37, 61, 62] .
To validate such a hydrogen embrittlement mechanism, local analysis must be performed to detect hydrogen and localize it. In a previous work, this type of detection was conducted with success by means of combined Kelvin probe force microscopy and secondary ion mass spectrometry analysis [63, 64] . Finally, to estimate the real contribution of hydrogen on fatigue crack propagation in addition to the effect on initiation step, it would be necessary to run da/ dN vs. DK tests for both air and NaCl media.
The detection of hydrogen in AA 6101 alloy submitted to fatigue-corrosion tests and a study focused on the stress conditions at the tip of the corrosion defects will be topics of future research.
AA 6101 T4 + 185°C-10 h metallurgical state
For this metallurgical state, the fatigue-corrosion interaction favored intergranular failure. This observation could be explained by analogous mechanisms described previously, exacerbated by the presence of PFZ which promoted the localization of the strain and perhaps the hydrogen transport along grain boundaries [40] .
AA 6101 T9 metallurgical state
At first sight, it could be concluded that this metallurgical state was not susceptible to fatigue-corrosion interactions. It is probably due to a very fast crack initiation on corrosion defect whose size is not negligible compared to the wire diameter. Apparently fatiguecorrosion interactions did not have effect on the propagation step.
Conclusions
The fatigue behavior of AA 6101 under T4, T4 + 185°C-10 h, and T9 metallurgical states was studied in air for healthy and pre-corroded samples. The results were compared to those obtained during fatigue-corrosion tests in NaCl solutions.
In air, the heat treatment led to a strong decrease in the fatigue endurance of the material due to the formation of PFZ and Mg 2 Si intergranular precipitates, which promoted intergranular failure. The complete wire drawing process seemed to increase the fatigue properties of AA 6101 by decreasing the grain size.
The pre-corrosion heat treatment led to a decrease in the number of cycles to failure for a given stress level regardless of the metallurgical state, which could be explained by premature crack initiation on corrosion defects but without the modification of the failure modes during the crack propagation regime. In this case, the T9 samples evidenced lower fatigue properties than the T4 samples, which could be related to a critical size of corrosion defects compared to the size of wire diameter.
The fatigue-corrosion tests showed a strong interaction between cyclic mechanical stresses and corrosive media for T4 and T4 + 185°C-10 h. The modification of the failure mode observed could be explained by a hydrogen embrittlement mechanism induced by corrosion reactions and then enhanced by the plasticity state at the crack tip and microgalvanic coupling.
